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Effect of hydrogen exposures on the strength of
sintered alpha silicon carbide

E. SAVRUN*, A. D. MILLER
Department of Materials Science and Engineering, University of Washington, Seattle,
Washington, 98105, USA

The room-temperature strength distributions of sintered alpha silicon carbide (SASC) were
determined for polished bars. The bars were broken in the as-polished condition after
exposure to hydrogen only and after exposure to hydrogen under two different static stresses.
The hydrogen exposures were at 1370° C for times up to 50 h. The strength distributions dis-
played a dependence on both the exposure time and the magnitude of the applied stress. In
stressed exposures, the strength distributions were apparently controlled by competing mech-
anisms. Under the lower applied stress, the material was weaker than the as-polished control

group, as was the material exposed to hydrogen with no stress applied. Under the higher
applied stress, the material was stronger than the control group.

1. Introduction

The influence of the environment on the strength of
structural materials is an extremely important factor
that must be incorporated into the design of high-
performance systems. The nature of the environment
can influence, in a complicated way, the nature of the
flaws which limit the strength of brittle materials.
Therefore, understanding of the flaw behaviour in
adverse environments is essential in the design and
failure prediction of components.

Silicon carbide is one of the most promising ceramics
under consideration for use in energy conversion
applications. Potential structural applications include
automotive gas turbine components [1], high-tem-
perature heat exchangers [2] and thermonuclear
reactors [3]. The limiting conditions for stability and
structural integrity of SiC in these diverse environ-
ments must be established.

Since many of the potential applications of silicon
carbide require resistance to highly oxidizing atmos-
pheres at high temperatures, the effects of oxidation
on the mechanical behaviours of a variety of silicon
carbides have been extensively studied [4-11]. Easler
[4] and Easler et al. [5] studied the effect of applied
stress on the strength of sintered alpha silicon carbide
during oxidation. They suggested that a static fatigue
limit or a stress intensity threshold for slow crack
extension could exist, and that flaw growth occurs for
flaws greater than a critical size, but flaw blunting
occurs for flaws smaller than the critical size.

Silicon carbide is also often used in hydrogen-
containing environments, ¢.g. in the heater head of a
Stirling engine, in the first wall of a nuclear fusion
reactor, and in heat exchangers. Therefore, an under-
standing of the effects of hydrogen on the microstruc-
ture and properties of silicon carbide is essential for
design purposes. However, the effects of hydrogen-

containing environments on silicon carbide have
received little attention. Horn et al. [12] claim that
even though flowing steam at 1400° C resulted in a
weight loss of 0.4mgh™', the erosion rate of silicon
carbide is unaffected by the presence of hydrogen in
the steam. McKee and Chaterji [13] reported that
hydrogen does not cause any corrosion in SiC at
900° C. Verghese et al. [14] and Causey et al. [15]
report that the activation energy for hydrogen dif-
fusion in silicon carbide is quite high, suggesting the
possibility of some form of chemical bonding within the
material. Fischman [16] supports this view, but neither
work addresses the strength. The only work on the
effect of hydrogen on the strength of silicon carbide
appears to be that of Jero [17] which demonstrated
that exposure to 40% hydrogen in argon at 1370°C
causes rapid surface degradation and a reduction in
the strength for exposure times as little as three hours.

Other than the cited studies, the effect of hydrogen
on silicon carbide at high temperatures has been
studied almost exclusively within the context of using
hydrogen to etch single-crystal SiC for semiconductor
applications [18-21].

This study is concerned with the room-temperature
strength distribution of polished sintered alpha silicon
carbide, and with the changes that occur in the distri-
bution after various environmental exposures. The
environments were hydrogen with no stress applied
and with two different applied stresses. Exposure time
was also varied.

2. Experimental procedure

2.1. Specimen preparation and
characterization

The sintered alpha silicon carbide (Hexalloy SASC

(1981), The Carborundum Co., Niagara Falls, New

York) used in this study was purchased in the form of
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billets, each measuring 5.00cm x 5.00cm x 1.25cm.
The material contained small amounts of boron
(~0.01%) and carbon (~ 0.3%) as densification aids,
and had a density of 3.16gcm™. Specimens were
cut from billets using a diamond blade and ground,
finishing with 600 grit B,C powder, and finally were
polished to a size of 0.27cm x 0.27cm x 3.0cm,
finishing with 1 um diamond paste on four sides in the
longitudinal direction. Edges were bevelled at 45° by
grinding, finishing with 600 grit B,C powder.

Strength distributions were determined by fractur-
ing specimens in a four-point bend geometry with 1/3
point loading configuration. The outer span was
2.20cm and the inner span was 0.73 cm. All strength
tests were carried at a crosshead speed of 0.2 mm min ™'
at room temperature. After fracture, the broken pieces
were collected and stored in a desiccator for sub-
sequent fractographic analyses.

2.2. Exposure to hydrogen

Specimens were exposed to hydrogen in a controlled-
atmosphere cold-wall furnace equipped with a tungsten
resistance heating element (Centorr Model 15-2x3T-22,
Centorr Associates, Suncook, New Hampshire). During
exposures, the specimens were placed inside a specially
made SiC specimen holder in such a way that they
were separated from each other with sintered alpha

silicon carbide pins. All exposures were carried out in .

pure, dry hydrogen flowing at a rate of 1 cubic foot per
hour (0.028m* h™') at 1370° C. Zero-stress exposures
were carried out for 1, 20, and 50h while exposures
under applied stress were for 1 to 20h.

The specimens were loaded in a four-point bending
configuration, with an outer span of 2.2cm and an
inner span of 1.1 cm, resulting in 1/4 point loading
geometry. This geometry was selected to ensure that
the room-temperature tests were performed within
the constant stress region of the statically loaded
specimens. A special dead-loading mechanism was
incorporated into the furnace and loading was per-
formed by using lead blocks. Loading and unloading
were done as quickly as possible. Two different static
stresses were applied so that the effect of stress level
could be observed. After exposures to hydrogen, the
specimens were stored in a desiccator until testing in
flexure at room temperature.

2.3. Data analysis

The strength data were analysed using a two-parameter
Weibull expression. The Weibull model and its appli-
cations have been described in detail by Bury [22],
Davies [23] and Johnson [24]. The Weibull cumulative
distribution function (CDF) was integrated over the
surface area of the specimen, since all observed fail-
ures originated from the surface flaws. For the test
geometry used in this study, the expression takes the

form
Am+ 2)(m + 3) SY
"‘“p<_ GRS ><E> M

where F is the probability of failure, 4 is the total
surface area of specimen, S is the fracture strength, S,
is a scaling parameter and m is the Weibull modulus.

3138

F =

Values for F were calculated via order statistics, using

the relation

n
= 2
F N+ 1 @

where n is the serial number in order of strength
and N is the total number of data points. A double-
logarithmic transformation yields the linearized form
of Equation 1:

1
Inl =
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A least-squares linear regression analysis was used to
calculate the parameters m and S, in Equation 3.
The correlation coefficient, R, was also calculated to
estimate the goodness-of-fit of the data to the two-
parameter Weibull model. Statistical analyses were
performed on strength data to determine the statistical
significance of the observed trends. A one-way analysis
of variance was applied to the means of distributions
to determine if they were statistically identical. If the
means failed this test, the Student-Newman-Keuls
(SNK) test was applied to pairs of means [25]. All
comparisons were done at 95% confidence level.

3. Results and discussion

3.1. Material characterization

The microstructure of as-received material, shown in
Fig. 1, was revealed after polishing and etching with
Murakami’s etchant. The average grain size was esti-
mated to be 6 um with a range from 4 to 10 um, while
pore size ranged from 5 to 30 um. X-ray diffraction
studies determined that the material had basically 6H
polytype structure with small amounts of 4H poly-
type. Scanning Auger microprobe (SAM) studies
showed the presence of free carbon, particularly at
grain boundaries, and randomly distributed boron.
These observations are in agreement with the data
supplied by the manufacturer.

The strength data of as-polished specimens fit well
into a two-parameter Weibull distribution with a
modulus of 7.5 and an average strength of 426 MPa.
This result is in agreement with that of other inves-
tigators [4, 5, 17]. Fractography showed that failures
in as-polished specimens originated from surface or
near-surface pores, or from subsurface flaws including
pores, inclusions and loosely sintered regions which
were produced during processing (Fig. 2).

3.2. Exposure to hydrogen
Scanning electron microscopy (SEM) investigations
of the specimens exposed to hydrogen revealed severely
altered surfaces. This surface degradation occurs,
mainly, due to hydrogen attack on carbon-rich high-
energy grain boundaries. Fig. 3 shows the extent to
which the surface has changed after exposure. Note
that the severity of the surface change increases with
increasing exposure time. X-ray diffraction studies did
not indicate any change in the material after exposures.
The strength distributions after exposure to



hydrogen are compared to the as-polished strength
distribution in Fig. 4. After one hour of exposure there
is a loss in the strength across the entire distribution
which becomes greater at longer exposure times. The
average strengths and Weibull parameters for all
distributions are summarized in Table 1.

The Weibull modulus initially increased from 7.5 to
15 for one hour exposure, and then decreased to 11.4
and stayed about the same (at a value of 11) upon
further exposures. The initial increase in the Weibull
modulus compared to the control specimens suggests
the development of a high-density population of flaws
of severity equal to or sightly greater than those
present in control specimens due to hydrogen—surface
interactions. The average strength displayed a decreas-
ing trend with increasing exposure times. It decreased
from 426 to 376 MPa after 50h, displaying a 12%
decrease when compared to that of the as-polished
group. Analysis of variance showed that average
strengths were significantly different. The SNK test
determined that §, = S, # S,, # Ss,, where Sis the

Figure 2 Scanning electron micrograph of the failure origin in an
as-polished specimen: a surface pore on the tensile surface.

Figure 1 Microstructure of as-polished
material. Etiched with Murakami’s solution.

average strength and subscripts refer to exposure
times. Jero [17] observed a similar decreasing trend in
the average strength in hydrogen at 1400°C. How-
ever, he claims a more severe strength reduction of
26% after 50h exposures. This discrepancy in the
degree of strength reduction is not considered signifi-
cant since the small number of specimens used in each
study, the fact that the specimens were from different
lots, and different experimental procedures could easily
cause the variation seen. What is significant is that
both studies indicated a definite strength reduction
under these conditions. Jero [17] also showed that
exposure to pure dry argon at 1400° C for up to 50h
did not cause any significant strength reduction in
sintered alpha silicon carbide.

The decrease in average strength and Weibull
modulus with time suggests an increase in the flaw size
and a broadening of the flaw size distribution. This is
consistent with a chemical reaction mechanism, the
nucleation and growth of new flaws and an increase in
the size of existing ones. Microscopic observations of
exposed surfaces are consistent with this mechanism.
Attack by hydrogen on the boundaries intersecting the
pores would make the effective flaw size larger.

After zero-stress exposures, detailed fractographic
studies showed that failures originated almost exclus-
ively from the surface or near-surface pores located on
tensile surfaces or edge sites, as shown in Fig. 5. This
observation is the same as that on the as-polished
group. Therefore, no obvious conclusions can be
drawn on the effect of hydrogen on the nature of the
strength controlling flaws.

3.3. Exposure to hydrogen under stress
The strength distributions after exposure to hydrogen
under static stress are compared to those of zero-stress
exposures for 1h (Fig. 6a) and for 20h (Fig. 6b).
After one hour of exposure under the lower applied
stress (130 MPa), the strength distribution is nearly
identical to that after zero-stress exposure, displaying
almost the same amount of scatter. The Weibull
modulus decreased from 15 to 12.5. Correlation coef-
ficients of 0.97 indicate very good fits to the two-
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Figure 3 Scanning electron micrographs of specimen surfaces before and after exposures to hydrogen: (a) as-polished, (b) 1 h, (c) 20h, (d)

50h.

parameter Weibull distribution, for both cases. The
average strength increased from 412 to 423 MPa.
This indicates that the lower applied stress did not
change the nature of the strength-controlling flaws
in the material. Fractographic analysis did not show
any particular change in the nature of the strength-
controlling flaws. The failure sites were surface or
near-surface pores.

The strength distribution after one hour of exposure
under a higher static stress (265 MPa) displayed a
rather different behaviour. It showed a transition
at about 46% probability of failure corresponding
to a strength of 536 MPa. The lower-strength portion
of the distribution did not change, indicating that
the applied stress did not affect the strength of a
specimen in this region, while the upper portion of the

TABLE 1 Weibull parameters for distributions obtained after hydrogen exposure

Distribution set No. of S (MPa) m S, R
specimens

As-polished 22 426 + 59 7.5 £0.2 452 0.99
l1h 15 412 + 27 150 £1.0 426 0.97
20h 19 387 + 32 114 +0.5 403 0.97
50h 18 376 + 36 11.0 +0.5 392 0.98
I h, 130 MPa 15 423 + 34 12.5 +0.8 439 0.97
1 h, 265 MPa 14 431 £+ 43 9.8 £0.9 451 0.96
20h, 130 MPa 18 392 + 43 9.5 +£0.6 411 0.97
20h, 265 MPa 21 436 + 32 13.8 £ 1.1 452 0.94

3140



1.50

g 0
m
-
0.50+ (u}
5 &
xi-o IE]
X fo
Xto &
T x % of
L 0.50 Y o
- X+ @
st + m
= X+ o
= + B
< -0.50F ¥ 9
s <D
o o
X4
-2.50 “
o
X
m
-3.50 . ' ' L
5.50 5.70 5.30 6.10 6.30 6.50

In [strength {MPa)]

Figure 4 Linearized Weibull plot showing effect of different
exposure times on the strength distribution of as-polished control
group: (m) control group, (@) 1 h, (+) 20h, (x) 50h.

distribution shifted to higher strength levels, display-
ing a strengthening behaviour when compared to the
corresponding zero-stress exposure strength distri-
bution (Fig. 6a). The Weibull modulus was about 10,
which is somewhat less when compared to that, 15, of
the corresponding group without any applied stress.
A correlation coefficient of 0.96 still indicates an
excellent fit to the two-parameter Weibull model.
Analysis of variance and SNK tests determined that
the average strengths were statistically identical,
S, = Sy, = S5 where subscripts refer to applied
stresses. These observations imply the presence of
at least two competing mechanisms within the distri-
bution. At higher failure probabilities (specimens with
smaller flaws) strengthening is dominant. At lower
failure probabilities (specimens with larger flaws) the
effect of strengthening may be counterbalanced by a
weakening mechanism, i.e. hydrogen reaction, thus
showing no change in the strength.
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Figure 5 A typical failure origin after 20h zero-stress exposure: a
surface pore.

After 20 h exposure under the lower applied stress
(Fig. 6b) the strength distribution was nearly identical
to that after zero-stress exposure, with the exception
of the very upper end of the distribution which shifted
to higher strengths at about 80% probability of failure
and a strength of 403 MPa. Fig. 6b shows that the
amount of scatter in both cases is nearly the same.
The Weibull moduli were 11 for zero-stress exposure
and 9.5 for exposure under the lower applied stress.
Correlation coefficients of 0.97 for both cases indicate
very good fits to the two-parameter Weibull distri-
bution. The average strength did not change by more
than 5 MPa. These observations indicate that there is
not any significant stress effect on the strength distri-
bution after 20 h exposure to hydrogen under 130 MPa
static stress.

After 20 h exposure under the higher applied stress
(265 MPa), the strength distribution shifted to higher
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Figure 6 Linearized Weibull plot showing the effect of different static stress levels on the strength distribution after exposure for (a) 1 h, (b)

20h, (@) zero-stress, (+) 130 MPa, (x) 265 MPa.
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Figure 7 Scanning electron micrograph of a typical failure origin
after 20 h exposure under 130 MPa stress: a near-surface pore.

strengths at all probabilities of failure, showing
a strengthening behaviour when compared to the
distribution belonging to those specimens exposed to
hydrogen for 20h without stress. This behaviour
clearly shows the existence of a stress-dependent
strengthening mechanism. The average strength was
436 MPA, 49 MPa more than that after zero-stress
exposure. The distribution was also tighter with a
Weibull modulus of about 14. A correlation coefficient
of 0.93 still indicates a good fit to the two-parameter
Weibull distribution. Analysis of variance and SNK
tests determined that the average strengths were
statistically different, S, = Si3 # Ss-

Failure origins were determined to be surface and/or
near-surface pores after 20 h exposures under 130 MPa
stress, while after exposures under 265 MPa the stress
failures originated mostly from inclusions, loosely
sintered regions and from subsurface pores rather
than surface-related pores (Fig. 8).

When the strength distributions after 1h and 20h
exposures under 130 MPa applied stress are compared
it is evident that the strength distribution after 20h
exposure is shifted to lower strengths at all probability-
of-failure levels. This is the same behaviour as displayed
by the corresponding distributions without applied
stresses. This indicates that the reaction of hydrogen
with the material under lower applied stress is the
dominant strength-controlling mechanism. Chemical
reactions between hydrogen and specimen surfaces
result in the creation of new flaws and the growth of the
pre-existent ones, and leads to weakening. This is a
time-dependent mechanism because of its chemical
nature. The longer the exposure time the more surface
deterioration occurs, causing further reduction in
strength.

When the strength distributions after exposures
under 265 MPa applied stress are compared, the whole
distribution is shifted to higher strengths after 20h
exposure. This is contrary to that after zero-stress
exposures which shifted to lower strengths. From this
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Figure 8 A typical failure origin after 20 h exposure under 265 MPa
stress: incomplete sintering.

observation it is evident that there exists a stress-
dependent strengthening mechanism or mechanisms,
operating over a certain stress threshold. Similar
types of strengthening mechanism have been shown to
operate in sintered alpha silicon carbide in air by
Easler et al. [5], in siliconized silicon carbide by
Carroll and Tressler [26], and by Cohrt et al. [27]. The
strengthening process can be attributed to

(1) Flaw blunting and the stress relaxation process
around the crack tip in the high-stress region (localized
creep deformation). Relaxation of stresses at the crack
tip during high-temperature exposure under static
loading would produce compressive stresses at the
flaw tip upon unloading and cooling, and this an
effective strengthening. Localized deformation at the
flaw tip due to the presence of high stress levels may
also be responsible for the strengthening behaviour
because of its flaw blunting effect.

(ii) Macroscopic stress redistribution in the bending
beam through a diffusional creep. Under static stress,
due to a creep process (most likely a diffusional creep),
a stress redistribution occurs in the bending beam
when the material behaviour is non-linear. This effect
results in the generation of residual stresses in the
beam upon unloading and/or cooling. If the speci-
mens were unloaded after static loading and cooled
to room temperature, a residual compressive stress
would develop on the tensile side of specimen resulting
in a strengthening behaviour. A residual tensile stress
would also develop on the compressive side.

4. Summary

The effect of hydrogen on the strength of sintered
alpha silicon carbide under different static stress levels
at 1370°C was investigated. Exposures to hydrogen
causes rapid surface degradation accompanied by a
reduction in the strength. Microscopic studies showed
that exposures to hydrogen caused delineation of SiC
grains. This is thought to be due to preferential



reaction between hydrogen and high-energy grain
boundaries. The strengthening and weakening behav-
iours displayed by sintered alpha silicon carbide are
discussed in terms of several mechanisms, i.e. stress
relaxation, macrostress redistribution and chemical
reactions. These mechanisms may change depending
upon the environmental and loading conditions, and
probably occur simultaneously, and therefore are in
competition to control the overall strength behaviour.
Hydrogen can react with the material and change flaw
populations, causing weakening, while stress-activated
mechanism(s) can lead to strengthening. During the
stressed exposures the strength distribution is con-
trolled by the competing mechanisms. Under the
lower applied stress (130 MPa), the material showed
a weakening behaviour similar to the zero-load
exposures for all exposure times. The higher applied
stress resulted in a strengthening behaviour for all
exposure times. While the cause of this behaviour
cannot be explained on the basis of the present data,
an analysis of several mechanisms based on stress
relaxation, macrostress redistribution, and chemical
reaction concepts is provided. These may be regarded
as hypotheses for further work.

Fractographic studies of those specimens after
exposures with or without applied stress showed that
fajlure originated from the surface and/or subsurface
flaws including pores, inclusions and loosely sintered
regions which are induced by processing, for all cases
studied. The stronger specimens usually failed from
subsurface flaws, while weaker ones failed at large
surface-related pores. This observation is not different
from that of the as-polished control group. It does not
therefore lend itself to any obvious conclusions about
the effect of hydrogen on the nature of strength-
controlling flaws.
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